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Abstract This article focuses on perovskite materials for

application as cathode material in solid oxide fuel cells. In

order to develop new promising materials it is helpful to

classify already known perovskite materials according to

their properties and to identify certain tendencies. Thereby,

composition-dependent structural data and materials prop-

erties are considered. Structural data under consideration

are the Goldschmidt tolerance factor, which describes the

stability of perovskites with respect to other structures, and

the critical radius and lattice free volume, which are used

as geometrical measures of ionic conductivity. These cal-

culations are based on the ionic radii of the constituent ions

and their applicability is discussed. A potential map of

perovskites as a tool to classify simple ABO3 perovskite

materials according to their electrical conduction behavior

is critically reviewed as a structured approach to the search

for new cathode materials based on more complex per-

ovskites with A and/or B-site substitutions. This article also

covers the approaches used to influence electronic and the

ionic conductivity. The advantage of mixed ionic elec-

tronic conductors in terms of the oxygen exchange reaction

is addressed and their important properties, namely the

oxygen-exchange coefficient and the oxygen diffusion

coefficient, and their effect on the oxygen reduction reac-

tion are presented.

Keywords Electrochemistry � Oxides � Membranes �
Fuel cells � Structural field map

Introduction

General considerations

Fuel cells are energy-conversion devices, which produce

electricity and heat by electrochemically combining fuel

and oxidant [1] without the Carnot limitation. High-tem-

perature fuel cells, for example solid oxide fuel cells

(SOFC), operate between 600 �C and 1,000 �C and can

utilize hydrogen, natural gas, or hydrocarbons.

Figure 1 shows the principle of an SOFC. The porous

electrodes (anode: fuel, cathode: oxidant) are separated by

a gastight electrolyte. With the aid of electrons the oxygen

in the oxidant (e.g. air, O2) will be reduced to oxygen ions

O2- at the cathode side (Eq. 1). The oxygen ions will be

incorporated into the electrolyte material which is an

oxygen ion conductor and therefore permits only the oxy-

gen ions to pass through towards the anode side. There the

oxygen ions combine with the fuel (e.g. H2, CH4, CO) in a

so-called cold combustion process to form water and, if

carbon-containing fuels are involved, CO2. During this

oxidation reaction (Eq. 2) electrons are released and lead

via an external circuit to the cathode side where reduction

of the oxygen proceeds. Thus, electrical power can be

obtained from the cell. The force driving the overall cell

reaction is the difference between the chemical potentials

of oxygen at the cathode and anode sides. This can be

expressed as a difference between the oxygen partial
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pressures and is described by the Nernst equation (Eq. 3),

with Er being the reversible cell voltage, R the gas constant,

T the temperature, F the Faraday constant, p(O2) the partial

pressure of oxygen, and where the indices c and a refer to

the states at the cathode and the anode, respectively.

O2 þ 4e� $ 2O2� ð1Þ

2H2 þ 2O2� $ 2H2Oþ 4e� ð2Þ

Er ¼
RT

4F
ln

pðO2cÞ
pðO2aÞ

ð3Þ

SOFCs are sometimes referred to as ceramic fuel cells,

because they mainly consist of ceramics which can

handle high temperatures ([1,000 �C) and therefore

facilitate rapid electrode kinetics resulting in the use of

nonprecious materials [2] instead of electrodes based on

noble metals used in former times [3]. Further, it is

possible to use hydrocarbons as fuel (with the aid of

internal reforming). The heat produced while operating

the SOFC can be used in a variety of cogeneration

applications [4]. However, high operation temperatures

cause degradation phenomena because of unfavorable

reactions of adjacent cell components and sealing

difficulties which shorten the lifetime of SOFC systems.

Therefore, research nowadays aims at the development of

intermediate-temperature SOFCs (IT-SOFC, 600–800 �C)

and low-temperature SOFCs (LT-SOFC, T \ 600 �C) to

overcome these problems caused by high temperatures.

Therefore, lowering the operating temperature can

improve long-term stability and production processes;

on the other hand it increases electrochemical losses,

because the electrode kinetics and transport processes are

mostly thermally activated. This is especially true for

oxygen reduction at the SOFC cathode.

Cathode materials should possess high electrical con-

ductivity and high electrocatalytic activity for the

oxygen reduction reaction [5]. Further, the compatibility

with adjacent cell components and the chemical and

dimensional stability during cell operation are very

important factors. Moreover, the cathode material should

also be sufficiently porous to facilitate transport of the

oxidant to the cathode/electrolyte interface [6]. In addition,

the perovskites should be stable at the intermediate and

lower temperatures used for operation of fuel cells and

in CO2-containing atmospheres [7]. For many years the

perovskite La1-xSrxMnO3-d (LSM) has been the state-

of-the-art material because it satisfactorily fulfills the

aforementioned cathode-requirements. However, aiming

towards IT-SOFCs and/or LT-SOFCs introduces severe

performance problems. The main factor limiting the per-

formance in an IT-SOFC is the oxygen reduction reaction

at the cathode [8, 9]. A better understanding of the pro-

cesses at the cathode is needed to apply strategies for

optimizing the materials [10]. One step to overcome

polarization resistances has been the introduction of com-

posite electrodes (a mixture of a solid electrolyte and an

electronic conductor) or a material offering both ionic and

electronic conduction (mixed ionic electronic conductor,

MIEC) [11]. Use of this approach was thought to increase

the active area for reduction of oxygen, because for pure

electronic conductors this reaction was limited to the three-

phase boundary (TPB), where electrolyte, electrode, and

gaseous phase meet. There the reduction of the oxygen

molecules takes place and the oxygen ions enter the elec-

trolyte material. Hence substantial ionic conductivity of the

MIEC material opens the pathway for oxygen ion migra-

tion also through the MIEC itself [12] and therefore

spreads the possible reaction zone.

During recent decades there has been substantial interest

in identifying the best material for application as the

cathode material in a solid oxide fuel cell. Materials

like La1-xSrxMnO3-d (LSM), La1-xSrxFeO3-d (LSF) or

La1-xSrxCoO3-d (LSC) and mixtures thereof, for example

La1-xSrxCo1-yFeyO3-d (LSCF) have been investigated in

detail. LSM used to be the material of choice because it

provides excellent electronic conductivity (200–300 S/cm

at 900 �C) [13]. However, the ionic conductivity is very

low (10-7 S/cm at 900 �C) [13, 14]. Because of the

poor electrocatalytic activity of LSM, its application in

IT-SOFCs is seriously limited. Research nowadays aims at

developing cathode materials with higher electrocatalytic

activity than LSM [15]. To compete with the performance

of MIECs as cathode materials, LSM is preferably used in

composite cathodes, where the ionic conductivity is sup-

plied by an oxygen ion conductor as in Ni-YSZ-cermets.

By contrast, LSF provides electronic and ionic conduction

and therefore seems to be a promising candidate as

IT-SOFC cathode material [16] by increasing the TPB-

area. The maximum conductivity of La1-xSrxFeO3-d occurs

at approximately x = 0.5 and reaches more than 350 S/cm

at 550 �C. With increasing temperatures the conductivity

Fig. 1 Principle of the solid oxide fuel cell
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decreases [17]. Nevertheless, LSF electrodes exhibit

promising electrocatalytic properties, because incorpora-

tion of iron enhances oxygen diffusion and surface

exchange processes [10]. LSC shows extraordinary elec-

tronic conduction up to 1,600 S/cm at 800 �C [18], but it

seems to be unsuitable for high-temperature applications,

because its coefficient of thermal expansion (CTE) does

not match the impressive values achieved for state-of-the-

art electrolytes, for example yttria-stabilized zirconia

(YSZ) [19]. At lower temperatures the conductivity of

LaCoO3-d has a positive temperature coefficient but it

seems to be metallic at elevated temperatures [18]. On

increasing x in La1-xSrxCoO3-d the transition to metallic

behavior occurs at lower temperatures [18, 20]. An

increasing amount of strontium also leads to an increase of

the CTE [18]. On the one hand, incorporation of iron into

LSC reduces the CTE but, on the other hand, also reduces

the conductivity [18]. LSCF has a total conductivity of

230 S/cm at 900 �C, similar to LSM [21], but also has

oxygen ionic conductivity of approximately 0.2 S/cm [22].

On the one hand, substitution of Fe ions for Co ions in LSC

reduces available hopping sites which seriously limits

electronic conduction. However, on the other hand, Fe ions

are more stable against oxidation when divalent cation

substitution occurs at the A site. Therefore, the concen-

tration of oxygen vacancies is increased and oxygen

diffusion via vacancies is facilitated [10]. Because of its

very good oxygen surface exchange and diffusion proper-

ties BSCF has been applied as material for oxygen

separation membranes until it was also suggested as an

SOFC cathode material [23, 24]. However, the conductiv-

ity of Ba0.5Sr0.5Co0.6Fe0.4O3-d does not exceed 23 S/cm at

800 �C in air [25]. Under the same conditions the total

conductivity of PrMnO3-d reaches 80 S/cm and can be

increased to 250 S/cm for Pr0.5Sr0.5MnO3-d [26]. However,

the aforementioned materials still suffer from different

problems and research in alternative materials with supe-

rior properties at intermediate temperatures is still ongoing

[1, 23].

Affecting the perovskite properties

Because it is well known that the perovskite structure can

tolerate extensive modifications with regard to composi-

tion, researchers partly substitute the A and/or the B-site

cations of the perovskite ABO3 to enhance specific prop-

erties such as conductivity, catalytic activity, compatibility,

and/or stability. This leads to numerous substances which

are considered to be potential SOFC cathode materials.

However, published data often show a lack of agreement

[27, 28]. Here we try to give an overview of basic princi-

ples for choosing an appropriate perovskite material for a

specific application. Thereby, the article covers approaches

used to predict the existence of the perovskite structure

ABO3 as a function of composition, and strategies used to

affect the type and magnitude of their electrical conduc-

tance. Emphasis is placed on structural approaches to

classification of perovskite materials.

Structural field maps for perovskites

The perovskite structure has the general formula ABX3.

The ideal perovskite structure is cubic with the larger A-

site cations located at the corners of the cube, the B-site

ions at the body center, and the oxygen ions at the centers

of the faces. As shown in Fig. 2 the A-site ion of a

perovskite structure is coordinated by twelve oxygen ions

whereas the ion located at the B site has sixfold coordi-

nation. Perovskite structures can withstand wide variations

of the elements at the A and B sites.

The stability of perovskites relative to other structures is

frequently defined in terms of the Goldschmidt tolerance

factor t (Eq. 4, rA, rB, and rO are the radii of the A-site

cation, the B-site cation, and the oxygen ion, respectively).

Stable perovskite structures are predicted for 0.77 B

t B 1.00 [29]. Designing t close to unity leads to higher

symmetry and smaller unit cell volumes [30]. The perfect

cubic structure (t = 1) is achieved when the A-site cation

has the same size as the oxygen ion (1.40 Å). These form

cubic closest packing and the B-site cations are located in

the octahedral holes formed only by oxygen [31]. In a

perfect cubic perovskite structure the B–O–B chains are

linear, i.e. the bond angle is 180�. Deviation from cubic

symmetry results in tilting of the BO6 octahedra and,

therefore, in reduced B–O–B bond angles. For t [ 1 the

hexagonal structures tend to be stable [29] whereas for

t \ 1 the lattice structure changes from cubic to rhombo-

hedral and then to orthorhombic [32].

t ¼ rA þ rO
ffiffiffi

2
p
ðrB þ rOÞ

ð4Þ

Other approaches used to classify perovskite structures

also rely on the radii of the constituent ions, like the

Goldschmidt tolerance factor. In an early work Roth [33]

classified A2?B4?O3 perovskites on the basis of ionic radii

into orthorhombic, pseudocubic, and cubic structures. For

the A3?B3?O3 perovskites only rhombohedral and

orthorhombic symmetries have been found. Muller and

Roy [29] plotted, amongst others, the perovskite structures

in structural field maps (diagrams with rB as abscissa and

rA as ordinate). They also stated that the ideal cubic

structure does not occur for the A3?B3?O3 perovskites at

room temperature but it does occur for the A2?B4?O3 and

the A1?B5?O3 perovskites. Li et al. [34] reviewed the

stability ranges of perovskites by using empirical structure
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map methods and found the octahedral factor, rB/rO, to be

as important as the tolerance factor t. They constructed a

two-dimensional structure map orthogonalizing these two

properties and found distinct regions of existence limits of

the perovskite structure. Structural field maps serve as

helpful tools for predicting the ranges of existence of the

perovskite when new elemental combinations are sought.

However, technical applications often benefit from

optimized properties resulting from subtile replacements

of the A as well as the B cations by different cations at the

same time resulting in much more complex compositions,

for example A01-xA
00

xB
0
1-yB

00
yO3-d compared with the

simple ABO3 compounds. None of the aforementioned

approaches deals with these substituted perovskites. It is

well known that the perovskite structure can accommodate

cation substitutions in a wide range, and these usually serve

as a targeted modification for tailoring specific properties.

This tunability of the perovskite structure offers extensive

possibilities for further improvements of the properties of

the materials [14], for example electronic and ionic

conductivity. Many properties of the perovskites result

from the B cations, but are tuned by the A-site cations. The

radius of the A-site cation and, especially, its variance were

found to be important factors controlling perovskite

properties [35]. In order to maintain the perovskite phase

when forming solid solutions, the substituting elements

should not exceed the structural properties empirically

defining the perovskite stability phase fields in the

structural field maps.

In order to outline a solid solution phase area accom-

modating different elements in a structural field map,

knowledge of the ionic radii of the elements is important.

Several sets of radii have been published (e.g. by Golds-

chmidt [36], Zachariasen [37], Pauling [38], Ahrens [39],

Shannon [40–42]) and differ from each other sometimes by

more than 10% [29]. Furthermore, the radius of an ion is

strongly dependent on its coordination number and,

therefore, upon its near neighborhood structure. In this

study, Shannon’s [42] ionic radii referring to the coordi-

nation numbers 12 (A site) and 6 (B site) have been used,

although it is known that an oxygen deficiency influences

the coordination number and, therefore, the ionic radii [43].

Goldschmidt’s tolerance factor t (Eq. 4) has been cal-

culated with the aid of Shannon’s [42] set of ionic radii

(Table 1) for model series of perovskites which are

known to be promising cathode materials (LSM, LSF, LSC,

La1-xSrxCo0.5Fe0.5O3-d, Ba1-xSrxCo0.5Fe0.5O3-d). For more

complicated perovskites the radii have been calculated as

weighted averages, as already described by Trofimenko

et al. [44]. Figure 3 shows the tolerance factor t as a

function of the degree of substitution. Addition of Sr2? ions

to the A sites increases the tolerance factor if the smaller

La3? is substituted but reduces the tolerance factor when

the larger Ba2? is replaced. Because of the large A-site

cations, the tolerance factors of Ba1-xSrxCo0.5Fe0.5O3-d are

very high.

However, some compositions included in Fig. 3 are

relatively close to unity and their structure is supposed to

be close to the ideal cubic one with only small distortions.

La1-xSrxMnO3-d follows the trend given in Fig. 3

(increasing structural order with increasing x) and changes

from the orthorhombic structure (for x B 0.14) to the

rhombohedral one (for x C 0.18) [45]. The structure of

La0.5Sr0.5MnO3-d is reported to be tetragonal [46]. How-

ever, the calculated tolerance factor exceeds the value of

t = 1 for x C 0.55 and is furthest away from unity for

SrMnO3-d which shows the hexagonal structure in air and

ambient temperature [47].

Under the same conditions the asymmetry of the structure

of La1-xSrxFeO3-d also changes with the amount of stron-

tium. With increasing x the symmetry of the structure

changes from orthorhombic (0 B x B 0.2) via rhombohedral

Fig. 2 Structure of an ideal

perovskite A2?B4?X3 with

X = O2- (left hand side A2? in

origin; right hand side B4? in

origin)
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(0.4 B x B 0.7) to cubic (0.8 B x B 1.0) [48]. The trend of

the tolerance factors of La1-xSrxCoO3-d in Fig. 3 is similar to

that of LSF but the values are larger and exceed unity,

because of the smaller radii of Co3?/Co4? compared with

Fe3?/Fe4?. A change of the symmetry from the rhombo-

hedrally distorted (0 B x B 0.5) to the cubic (0.55 B x

B 0.7) perovskite phase has been observed [20].

Goldschmidt’s tolerance factor is easy to determine and

gives a first hint whether the desired composition will form

a perovskite structure. Further, it predicts the evolution of a

structure depending on the degree of substitution. How-

ever, values may exceed the suggested maximum of t = 1

for some compositions (e.g. La1-xSrxCoO3-d) although the

perovskite phase is still present. Other factors (e.g. tem-

perature, atmosphere) which affect the crystal structure of a

material, are not considered in the calculation of the tol-

erance factor. Nevertheless, with a detailed knowledge of

the radii it is possible to design different materials with

very similar tolerance factors, i.e. crystal structures. This

has been used for instance for designing the oxygen ion

conductor La1-xSrxGa1-yMgyO3-d (LSGM). Substitution of

Sr2? for La3? increases the tolerance factor whereas

substituting Mg2? for Ga3? reduces it again. Therefore, the

tolerance factor of LSGM is similar to that of LaGaO3-d but

the material’s properties change drastically because the

number of oxygen vacancies is increased [43]. With wise

choice of substitution elements the tolerance factor can be

designed while properties can be adjusted by, for instance,

modifying the defect structure. The reversal conclusion is

that it seems difficult to relate other than structural prop-

erties (e.g. trends in conductivity) to the tolerance factor

[31]. Attfield [35, 49] reported structure–property rela-

tionships depending on the A-cation radius. Although the

average radius of the A-site cation has been kept constant

(and therefore also the tolerance factor is constant), ferro-

electric, ferromagnetic, superconducting, and structural

transition temperatures show linear dependencies with

statistical cation size variance.

Electronic and ionic conductivity

Divalent acceptor substitution for the trivalent A-site cation

requires that, because of electroneutrality, the introduced

effective negative charge is compensated either by an

increase in valence of the B-site cations (electronic com-

pensation) and/or the formation of oxygen vacancies (ionic

compensation) [50]. Transition metals (TM) as B-site cat-

ions can perform a valence change in order to compensate

the introduced charge imbalance and create TM4?/TM3?

couples which act as hopping sites for electrons/holes, i.e.

for n-type or p-type conductivity. The higher the amount of

available hopping sites, the higher the conductivity values

expected. Therefore, the theoretical maximum conductivity

is expected for 50 mol% divalent acceptor substitution for

the trivalent A-site cation. This would result in a maximum

TM4?/TM3? ratio of 1:1 if only electronic compensation is

assumed [17]. However, the relative proportion between

the creation of vacancies and the oxidation of the transition

metal ions is temperature [51] and pO2-dependent and

material-specific.

Normally, in perovskites with transition metals on the B

site, the electronic conduction is because of their valence

change and proceeds along the three-dimensional BO6

octahedra network, which is stable for substitution of the A

site [32]. However, some of the transition metals on the B

site behave differently. Manganese-containing perovskites

mostly perform electronic compensation whereas it has

been shown that incorporation of the transition metal iron

into LSM limits the electronic conductivity, because an

increasing iron content enhances the ionic compensation.

The decrease in the number of Mn3?/Mn4? couples leads

to a reduced amount of available hopping sites [10]. In the

manganese-free LSF the electrical properties are improved

Table 1 Structural data used for calculation of the tolerance factor

Ion La3? Pr3? Sr2? Ba2? Co3? Co4? Fe3? Fe4? Mn3? Mn4? In3?

r in Å (CN) 1.360 (12) 1.300 (12) 1.440 (12) 1.610 (12) 0.545 (6) 0.530 (6)a 0.645 (6)a 0.585 (6) 0.645 (6)a 0.530 (6) 0.800 (6)

CN, coordination number
a High spin

Fig. 3 Evolution of tolerance factor t as a function of A-site

substitution with strontium
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because of the charge disproportionation Fe3?/Fe5?,

as revealed by Mössbauer spectroscopy [10]. A further

important defect reaction that occurs is the charge dis-

proportionation reaction by which Mn3? partially

disproportionates into Mn2? and Mn4? leading to good

electronic conductivity even of stoichiometric LaMnO3

[52]. This reaction can be considered to be entropy-driven

and occurs to a significant extent because of the relatively

unstable electron configuration of Mn3? [53].

When analyzing the electrical conductance using the

Arrhenius plot ln(rT) versus 1/T, linear behavior means

that the electronic conductivity is because of the small

polaron-hopping mechanism which occurs in the perov-

skite along the transition metal–oxygen–transition metal

chains (e.g. Fe3?–O–Fe4?). An activation energy can be

extracted by fitting Eq. 5, where r is the electrical con-

ductivity, C the pre-exponential factor, containing amongst

others the charge-carrier concentration, T the absolute

temperature, k the Boltzmann constant, and Ea the activa-

tion energy representing the enthalpy of polaron migration

[54]. The exponent s equals either 1 or 3/2 for adiabatic or

non-adiabatic processes, respectively [26].

r ¼ ðC=T sÞexp(� Ea=kTÞ ð5Þ

In order to use the advantages of a mixed ionic

electronic conductor the electronic conductivity needs to

be supported by a substantial amount of ionic (O2-)

conductivity which occurs via the vacancy mechanism. The

oxygen ions perform a diffusive jump by exchange of their

position with an adjacent vacancy. Vacancies are defects in

the oxygen sublattice and there are intrinsic defects which

are temperature-dependent and extrinsic defects which are

dependent on impurities and/or the level of substitution

[55]. As already mentioned, perovskite structures can

accommodate cations of a rather wide range of ionic radii

and valence. This opens up wide possibilities for aliovalent

substitutions. Although the following considerations are

mainly meant for electrolyte materials with negligible

electronic conductivity, they also serve as a guideline for

MIECs. When no multivalent ions are included, any

substitution of cations in the perovskite ABO3 by cations

with lower valence states will create oxygen vacancies in

order to maintain the charge balance. Increasing amount

of oxygen vacancies is expected to increase the oxygen

ion conductivity. Substitution of 10% Sr2? for La3?

increases the ionic conductivity from 7.3 9 10-5 S/cm

for LaInO3 to 1.8 9 10-3 S/cm for La0.9Sr0.1InO2.95 [56].

Another example of successful application of this

strategy is the SrO and MgO-substituted LaGaO3 which

forms La1-xSrxGa1-yMgyO3-x/2-y/2. Without electronic com-

pensation the extent of substitution directly relates to

the amount of oxygen vacancies. The composition

La0.8Sr0.2Ga0.8Mg0.2O2.8 is a very promising oxide ion

conductor with an ionic conductivity of 0.14 S/cm at

800 �C (without significant electronic conductivity) [31]. It

has been shown that minor amounts of transition metal

cations (Co, Fe) in the B sublattice are advantageous in

terms of oxygen ionic conductivity [30]. Further addition

of transition metal ions leads to increased electronic

conductivity, resulting in mixed ionic and electronic

conductivity. In MIECs, aliovalent substitution at the A

site will also lead to partial oxidation of the transition

metal ions located at the B site. However, there are general

limits which have to be considered when substituting the

constituent ions. Too many vacancies can induce structural

deformations or the vacancies can also become ordered, as

in brownmillerite structures [51], resulting in a decrease of

ionic conductivity.

Ionic conductivity is not only dependent on the presence

of vacancies, it is also affected by geometrical factors.

Ranløv [57] found better ionic conductivity with higher

symmetry, i.e. perovskite structures with tolerance factors

close to t = 1. While jumping from one site to the adjacent

vacancy along the anion octahedra edge [58], the oxygen

ion has to pass through a ‘‘saddle point’’ (Fig. 4) which is

built by two A-site cations and one B-site cation.

Depending on the composition of the perovskite a critical

radius rcr can be calculated which describes the maximum

size of the mobile ion to pass through. The critical radius

can be calculated by using Eq. 6 [59] where rA and rB are

the radius of the A ion and B ion, respectively, and a0

corresponds to the pseudo cubic lattice parameter (V1/3)

which can be derived experimentally or from Eq. 7 [60].

rcr ¼
a0

3
4

a0 �
ffiffiffi

2
p

rB

� �

þ r2
B � r2

A

2ðrA � rBÞ þ
ffiffiffi

2
p

a0

ð6Þ

a0 � V
1=3
cell ¼ 2:37rB þ 2:47� 2:00ðt�1 � 1Þ ð7Þ

For typical perovskite materials this critical radius does

not exceed 1.05 Å [31]. However, because the radius of the

oxygen ion is 1.4 Å in the sixfold coordination there must

be significant outward relaxation of the cations (away from

Fig. 4 Saddle point after [61]: two A-site cations and one B-site

cation build a gap which is described by the critical radius; the cations

show significant outward relaxation to permit the migration of the

oxygen ion
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the mobile oxygen ion) which reduces repulsive overlap

interactions [61]. During the diffusive jump the oxygen ion

might temporarily adopt threefold coordination at the

position between two A and one B-site cations. Because in

threefold coordination the radius of the oxygen ion would

still be too large (1.36 Å) to pass through the gap the

thermal vibration of the cations is supposed to assist the

oxygen ion to migrate. Reducing the mass of the cations

increases the amplitude of their thermal vibration and,

therefore, enhances the oxygen ionic conductivity [31].

Larger critical radii can be achieved by increasing rB and/

or reducing rA.

In order to improve the oxygen ion conductivity several

other structural properties are discussed in literature.

Sammells et al. [62] introduce the lattice free volume, Vf,

which is obtained by subtraction of the constituent ion’s

volumes from the overall crystallographic unit cell volume.

Obviously, a larger free volume provides more space for the

mobile ions to move more easily and therefore reduces the

activation energy for anion migration [63]. To compare

various kinds of perovskite oxides the specific free volume

(free volume divided by the unit cell volume) was intro-

duced by Hayashi et al. [43]. Large specific free volumes

are desirable to obtain larger oxygen ion mobilities.

Although the approaches using the lattice free volume and

the critical radius give certain tendencies, there are excep-

tions. Lybye et al. [64] investigated La0.9Sr0.1B0.9Mg0.1O2.9

perovskites (B = Al3?, Ga3?, Sc3?, In3?) in terms of

their conductivity and tried to relate properties that are

thought to influence the ionic conductivity. Those proper-

ties include, among others, the tolerance factor, the lattice

free volume, and the critical radius. Calculations of the

lattice free volume and the critical radius suggest that the

indium-containing perovskite should be the best ionic

conductor whereas the tolerance factor points towards

La0.9Sr0.1Al0.9Mg0.1O2.9. Finally, the gallium-containing

perovskite had the highest oxygen ionic conductivity, so

Mogensen et al. [31] looked for other properties describing

the ionic conductivity of perovskites. They concluded that a

stress-free lattice is the key factor for fast oxygen ion

conductors. Cubic symmetry provides stress-free lattices

which induce the oxygen sites to be equivalent [43].

Increasing lattice distortion leads to a high degree of

anisotropy of oxygen sites [65] which hampers the jump of

oxygen ions. The conductivity decreases with the deviation

from the ideal cubic symmetry [51]. Therefore, substitu-

tions of cations should be done in a considerate manner, i.e.

the size mismatch between host and substituting cations

should be minimized in order to keep the structure as dis-

tortion-free as possible. Further factors which are supposed

to favor high ionic conductivity are a low mean value of

metal–oxygen bonding energy [51] of the overall lattice and

minimal polarization of the mobile species by the lattice

[62]. The interaction between the oxygen ion and the B-site

ion is expected to increase with the valence state of the

B-site cation, i.e. the best oxide ion conductivities should be

found within the A3?B3?O3 perovskites [31].

Figure 5 shows the evolution of rcr for the same set of

perovskites as already shown in Fig. 3. The trends show the

opposite behavior when compared with the evolution of the

tolerance factor. A larger ionic radius at the A site (e.g.

Sr2? substitutes La3?) reduces the critical radius whereas it

increased the tolerance factor. As already mentioned, the

critical radius should be as large as possible in order to

enhance oxygen ionic conductivity. On the one hand,

substitution of Sr2? for La3? reduces the critical radius,

which suggests a decrease in ionic conductivity, but on the

other hand it introduces oxygen vacancies which, as pre-

viously mentioned, enhance the ionic conductivity. As

described for La1-xSrxCo0.8Fe0.2O3-d the ionic conductivity

increased monotonically with increasing x [22]. This

indicates vacancy formation to be more important than the

critical radius. Therefore, it is more valuable to compare

the critical radius of different compositions with the same

amount of oxygen vacancies rather than evolution of the

critical radius as a function of A-site substitution.

Although LSCF and, especially, BSCF show low values

for the critical radius, both compositions are known to be

good oxygen ion conductors compared with other per-

ovskites. The LSF series itself exhibits large critical radii

which are rapidly decreased when Co is substituted for Fe.

Therefore, the model series La1-xSrxCo0.5Fe0.5O3-d in Fig. 5

shows average critical radii. Iron-containing perovskites

rather perform the ionic compensation, i.e. instead of a

valence change of the transition metal oxygen vacancies

are created. Therefore, the ionic conductivities might be

good although indicated differently by the plot of the

critical radius. Despite their large critical radii (especially

Fig. 5 Evolution of critical radius rcr
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for low substitution rates) the LSM materials do not show

good ionic conductivities. This is because of the relatively

easy valence change of the Mn ion which immediately

equilibrates a charge imbalance introduced by a substitu-

tion of La3? by Sr2? instead of creating oxygen vacancies

which are the prerequisite for the oxygen ion migration. If

multivalent ions are included it is complicated to estimate

the relationship of electronic to ionic compensation. Without

experiments (thermogravimetric analyses) or defect chem-

istry modeling it is difficult to figure out compositions with a

similar amount of oxygen vacancies and to compare them in

terms of their critical radius.

The tolerance factor t, critical radius rcr, lattice free

volume Vf, and specific free volume already described are

calculated from the two variables rA and rB. The average

metal–oxygen bond energy is, next to the cation charges,

also dependent on the ionic radii. Therefore, some redun-

dancy between these properties is expected. It is impossible

to vary one without also varying the others [65]. As can be

seen from Figs. 3 and 5, the tolerance factor and the critical

radius (and, with these, the free volume also) show oppo-

site trends. Finding the optimum material will be a

compromise: for instance the specific free volume can only

be increased at the expense of a departure from cubic

symmetry [43]. Another indicator for the need to balancing

different properties is the following: as described, the

optimum material in terms of oxygen ionic conductivity

should be found within the group of A3?B3?O3 perovskites

and should be of cubic structure. This in turn seems to be

impossible, because of the afore-mentioned observations

made by Roth [33] and Muller and Roy [29], that the ideal

cubic structure does not occur for the A3?B3?O3

perovskites at room temperature. However, at elevated

temperatures perovskites tend to transform their crystal

structure to higher symmetries.

The BO6 octahedra build up a three-dimensional net-

work throughout the perovskite structure ABO3 and

electronic conduction proceeds via electrons or holes along

the B–O–B chains. Because of polarization of the anion a

covalent bond is formed between the oxygen ions and

B-site cations. Therefore, the electrical properties of per-

ovskites are supposed to be closely related to the covalency

of the B–O–B bond. The degree of polarization depends on

the polarizing power of the cation. Goldschmidt [36]

suggested measuring the polarizing power by the Coulomb-

potential Ze2/r, where Z is the formal valence, e the ele-

mentary charge, and r the radius. For similar valence states

a larger ionic radius decreases the Coulomb-potential.

Figure 6 shows schematically the orbitals of an oxygen ion

and an adjacent B-site cation which are thought to be

responsible for the electron/hole exchange. The anionic pr

orbitals are strongly attracted by the nuclear charge of the

cation and combine tightly with the pr orbitals of the

cation. This colinear overlap is the major part of the overall

B–O bonding and strongly screens the t2g orbitals of the B

cation. Thus the t2g orbitals spread towards the pp orbitals

of the oxygen ion and both orbitals might overlap. If so, the

d-electrons of the t2g orbital are permitted to drift into the

t2g orbital of a neighboring B-cation through the pp orbital

of the intermediate oxygen ion. This condition represents

the state of itinerant electrons [66] which leads to electron/

hole transport.

An early approach used to classify the conduction

behavior of perovskites was that of Kamata et al. [66]. In

this work, a diagram for simple ABO3 perovskites is

plotted with the ordinate ZB/rB and the abscissa ZA/rA,

where ZA (or ZB) is the formal valence and rA (or rB) is the

radius of the A ion (or B ion). This potential map of per-

ovskites is shown in Fig. 7 for simple perovskites including

information about their electrical conductance. By adding

the states of the d-electrons at room temperature (localized:

semi-conducting character; itinerant: metallic character) to

each perovskite material a line can be drawn between the

two distinct areas of different conduction behavior. It is

obvious that the smaller the values of ZA/rA and ZB/rB the

more itinerant the d-electrons of the perovskite become. A

decreased B-site Coulomb potential causes a further

spreading of the orbitals and, therefore, also a larger

overlap integral leading to a more itinerant state. However,

the A-site ion also attracts the anionic orbitals. An

increasing A-site Coulomb-potential reduces the overlap

integral between the anionic pp and the B-site cationic t2g

orbitals leading to more localized state of the d-electrons.

Considering the potential map of perovskites (Fig. 7)

and the previously mentioned tunability of the properties of

perovskites, conclusions can be drawn how to influence the

conduction behavior. By partly substituting ions on the A

site and/or on the B site of the perovskite the conduction

Fig. 6 Covalent bonds between the oxygen ion pp-orbitals and

B-cation t2g (d) orbitals [66]
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behavior can possibly be influenced because of a change of

the integral overlap of the orbitals. A-site substitution with

an ion having the same valence shifts the position in the

potential map, only depending on the radius of the A ion,

vertically. B-site substitution with an ion having the same

valence, but different radius, shifts the position of the

perovskite horizontally. A more complex situation arises

from substitution on the A-site with an ion of different

valence (and radius). To maintain electrical neutrality, the

valence change introduced by the A-site has to be com-

pensated either by a multivalent B-site cation (transition

metal) or by creating vacancies on the oxygen sublattice.

Because the oxygen deficiency/excess is not known for the

single compositions here we only consider the valence

change of the B site as the material’s reaction. The radius

of the transition metal also depends on its valence state.

Therefore, aliovalent A-site substitution will result in a

diagonal position change of the materials position in the

potential map.

Using the approach of Kamata et al. [66] and Shannon’s

set of ionic radii [42] a structural field map can easily be

created [1, 67] containing any simple perovskite mate-

rial ABO3-d. To include more complicated perovskites

A01-xA
00

xB
0
1-yB

00
yO3-d, i.e. perovskites with partly substi-

tuted A and/or B sites, the nominal valences and radii have

to be calculated as a weighted average. The resulting

potential Z/r is calculated as average valence divided by

average radius. This has been done for specific perovskite

compositions using the data in Table 1 to derive a potential

map (Fig. 8) which includes more complex perovskites.

The described diagonal position change of the perov-

skite because of aliovalent A-site substitution (La3? is

substituted by Sr2?) can be observed for LSC, LSF, LSM,

and LSCF in Fig. 8. End members with x = 0, i.e.

LaCoO3-d, LaFeO3-d, LaMnO3-d, and LaCo0.5Fe0.5O3-d are

located on the top left in the potential map. If stoichiometry

is assumed (d = 0) the transition metals at the B site have a

threefold valence state. On increasing x in La1-xSrxBO3-d

the transition metal changes to a mixed valence state

3 ? x. Compared with the threefold valence state the radii

of the transition metals are reduced in the fourfold valence

state. Eventually ZB/rB is larger for higher valence states,

which shifts the position to the right. Simultaneously the

opposite process happens at the A site. Reducing valence

state and increasing radius from La3? to Sr2? results in

lower values of ZA/rA, i.e. in a position shift downwards.

Finally, the position of the perovskite in the potential map

moves diagonally from the top left to the lower right.

Because the Sr and Ba ions are both divalent in BSCF,

there is only a vertical shift in the position depending on

the radius-change between Sr2? and Ba2?.

It is an interesting observation that good SOFC cathode

materials are located relatively close to the borderline

between metallic and semi-conducting perovskites, as

Fig. 7 Potential map of

perovskites after Kamata et al.

[66]

Fig. 8 Potential map of perovskites including more complex

compositions
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already reported [1]. This raises the question, of whether

there is a physical reason, i.e. the electronic state of the

three-dimensional-electrons, which plays an important role

during the reduction of oxygen molecules to oxygen ions.

The model series LSM is located very close to the bor-

derline of the different temperature dependences of the

conductivity. As reported in the literature, La1-xSrxMnO3-d

has semi-conducting behavior for 0 B x B 0.5 from room

temperature up to 950 �C, which can be attributed to the

small polaron hopping model [68] and (La1-xSrx)0.85MnO3-d

changes its conduction mechanism (i.e. crossing the bor-

derline) from semi-conducting to metallic behavior for

x = 0.5 [69]. At elevated temperatures (above 1,000 �C)

the conductivity of LSM becomes nearly constant with

temperature and the conductivity shows a transition from

positive to negative temperature dependence when the LSM

contains 20 mol% Sr2? [52]. Although the La1-xSrxCoO3-d

perovskites are located in the semi-conducting area of the

potential map, Petric et al. [18] demonstrated that they show

metallic conduction behavior for 0.2 B x B 0.9 in the

temperature range from 300 to 1,000 �C. The transition

from semi-conducting to metallic behavior occurs at lower

temperatures for increasing x. Another investigation con-

firms the change from semi-conducting to metallic

character at x = 0.25. This goes along with abrupt crystal

structure changes [20], which also affect the orbital overlap.

No change in lattice symmetry was observable but the

Co–O distance abruptly decreased and the Co–O–Co bond

angle abruptly increased. The end member LaCoO3-d has

semi-conducting behavior which changes to metallic

behavior at elevated temperatures [70]. LaFeO3-d is located

almost on the borderline of the potential map. An increasing

level of substitution of La3? by Sr2? suggests the materials

become more itinerant. For La0.8Sr0.2FeO3-d the conduc-

tivity increases with increasing temperature but decreases

again at temperatures above 700 �C. At higher levels of Sr

substitution the conductivity shows a negative temperature

coefficient in the temperature range from 500 �C to

1,000 �C [17]. La0.6Sr0.4Co0.2Fe0.8O3-d has semi-conduct-

ing behavior up to approximately 600 �C and a decrease in

conductivity with increasing temperature at temperatures

higher than 600 �C [21].

Considering the aforementioned results, it should be

discussed whether the potential map of perovskites is also

applicable for more complex perovskite materials. As long

as the ions at the A site (A0 and A00) and B site (B0 and B00)
are randomly distributed within the substituted perovskite

A01-xA
00

xB
0
1-yB

00
yO3-d, the approach used to calculate the

weighted average of valences and radii seems to be justified.

However, when B-site ordering occurs (which is likely for,

e.g., AB00.5B000.5O3-d) the situation becomes somewhat dif-

ferent. Figure 9 depicts schematically the B–O–B chains for

ABO3-d (lattice parameter a0) and AB00.5B000.5O3-d (lattice

parameter a). Because the periodic length of the collinear

chains is almost doubled for B-site-ordered perovskites, the

relationship of the lattice parameters becomes a & 2a0.

B-site cation ordering is accompanied by energy stabiliza-

tion and lattice contraction (a B 2a0) is very likely.

Another important factor affecting the spreading and

overlapping of the orbitals is the degree of distortion from

the ideal cubic structure. It has been already described that

the bond angle of the linear B–O–B-bond (180�) in a

perfect cubic structure decreases when drifting away from

ideal cubic symmetry. With a decrease of the average

radius of the A site ion the BO6 octahedra start to tilt and

rotate to reduce the excess space around the A-site [71]

resulting in B–O–B bond angles less than 180�. This

movement narrows the conduction band and increases the

band gap [72], i.e. it results in semi-conducting behavior.

For LSC an expansion of the Co–O–Co bond angle towards

180� goes along with a broadening of the electronic

bandwidths. This induces the transition from semi-con-

ducting (insulating) to metallic character caused by the

closing of the charge-transfer gap [73]. For LSM incor-

poration of Sr2? enlarges the average A-site radius and also

increases the amount of Mn4? ions acting as charge car-

riers. The smaller radius of Mn4? relative to Mn3? reduces

the Mn–Mn distance and results in the Mn–O–Mn bond

angle approaching 180� [68].

Furthermore, knowledge of the valence states of the

constituent ions is essential, because it also affects the final

position of the compounds. However, if multivalent ions

are included (e.g. transition metals at the B-site of the

perovskite) it is difficult to obtain the correct valence state.

Even when the valence state of the A-site cation is fixed

(e.g. La3?, Sr2?), the valence state of the B-site cation is

not certainly fixed in order to keep the charge balance of

the perovskite. Grundy et al. [74] reported and modeled

a disproportionation of Mn3? into Mn2? and Mn4? for

LSM. Oxygen-nonstoichiometry also plays an important

role, because the charge imbalance caused by an aliova-

lent substitution of the A-site ion will either be balanced

by a valence change of the transition metal or by the

Fig. 9 B-site cation radius calculation for simple and B-site ordered

perovskites
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formation of vacancies, or both, to an unknown extent. In

Ba1-xSrxCo1-yFeyO3-d the valance state ratio 3?/4? of the

transition metal ions as a function of temperature was ana-

lyzed by X-ray adsorption spectroscopy and Mössbauer

spectroscopy and revealed a 3? majority up to 800 �C [75].

X-ray adsorption spectroscopy was also used to analyze the

spin states of Fe and Co in BSCF, which were in high spin and

intermediate spin, respectively, at round 800 �C [76]. The

technique has also be used to analyze the electronic prop-

erties of Co and Fe in La0.5Sr0.5Fe1-xMxO3-d with M = Ti or

Ta and x = 0, 0.1, and 0.2 [77]. The spin state of Fe and Co

determines the effective ionic radii of the ion and thus is an

important property. The two aforementioned criteria, i.e. the

true radii and valence state, are essential for the correct

position of the perovskites within the potential field map.

Inaccurate values or uncertainties will certainly cause devi-

ations and will eventually lead to a wrong position or an area

of probability rather than a single point. In order to correctly

apply the approach of the potential map to any perovskite

material, it is necessary to know the previously mentioned

information about the candidate material, for example

valence states and ionic radii. Also the validity of the map

and the proposed transition line for elevated temperatures

(e.g. 500 �C to 1,000 �C) is not yet proven.

Miscellaneous perovskite materials show a decreasing

conductivity at elevated temperatures. This decrease in

conductivity is often interpreted as a semi-conductor–metal

transition. Increasing temperatures cause changes in the

crystal structure towards higher symmetries and the transi-

tion temperature is affected by the composition [48].

However, because of those structural changes the integral

orbital overlap might be affected and cause a sudden change

in the temperature-dependence of the conductivity. For

La1-xSrxCoO3-d the transition from semi-conducting to

metallic behavior has been attributed to the abrupt changes

in the crystal structure (Co–O bond lengths and Co–O–Co

bond angles) and the corresponding increase of the integral

orbital overlap [20]. Another explanation suggests that a

change in the amount of charge carriers causes different

temperature dependence of the conductivity. Because of

elevated temperatures an oxygen vacancy formation occurs

which is accompanied by a reduced number of holes acting

as the charge carriers [21, 50, 78]. For each oxygen ion

leaving the lattice two electron holes are eliminated and

Eq. 5 has to be modified to account for a variable amount of

charge carriers:

r ¼ A0 � 2dð ÞC0½ �=TS
� �

exp �Ea=kTð Þ ð8Þ

The temperature-dependent carrier concentration is now

included in the new term in the pre-exponential factor.

Thereby, the initial concentration of charge carriers (A0)
which has been created by acceptor doping on the A site is

reduced by 2d, where d is the temperature-dependent

oxygen vacancy concentration [50]. Although the state of

the charge carriers does not change, their decreasing

amount results in reduced conductivity. This could be

misinterpreted as a transition from the semi-conducting to

the itinerant state.

An approach similar to the potential field map was

proposed by Fujimori [79] and later re-examined by Inoue

[32]. They studied the electronic structure of three-

dimensional transition metals with a metal–insulator tran-

sition as a function of the chemical composition. Starting

from an insulating transition metal oxide (where the three-

dimensional electrons are localized) metallic conductivity

can be achieved in two ways. On the one hand a band-gap

closure can occur by diminishing the splitting between the

band-gaps or increasing the band widths. On the other hand

a valence change of the transition metal ions can be initi-

ated to introduce extra electron or hole carriers into the

insulating host system [79]. The band gap of the host

insulator can either be d–d Mott–Hubbard type or ligand–p

to metal–d charge-transfer type. This depends on the

magnitudes of the d–d Coulomb repulsion energy U and

the p-to-d charge-transfer energy D. This approach is more

sophisticated than the potential map of perovskites. How-

ever, it also deals with metal–insulator transitions as

functions of chemical composition.

Oxygen diffusion coefficient D and surface exchange

coefficient k

It is generally assumed today, but not fully proven, that

SOFC cathode materials should favorably be mixed ionic

electronic conductors (MIEC), i.e. electron and oxygen ion

conductors in parallel. If the SOFC cathode material is a

pure electronic conductor the oxygen reduction reaction is

limited to the three-phase boundary (TPB) where cathode,

electrolyte, and the oxygen-containing atmosphere meet.

There is only one possible mechanism for the oxygen

reduction: the oxygen is adsorbed at the surface of the

cathode and diffuses via surface diffusion towards the TPB

where it becomes charged and incorporated into the elec-

trolyte [1]. If the cathode material of the SOFC is a MIEC,

the kinetics of the oxygen reduction are supposed to be

enhanced, because the material provides the active site for

reduction at the surface and also a pathway for oxygen ion

diffusion through the bulk. In this case there are two par-

allel pathways for incorporation of the oxygen into the

solid material: the surface pathway to the TPB and the bulk

pathway (Fig. 10). Following the surface pathway the

oxygen molecule will be adsorbed at the surface of the

MIEC and transported via surface diffusion towards

the TPB (black dot in Fig. 10) where the transfer step into
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the electrolyte occurs. If substantial ionic conductivity

exists in the MIEC the transport via the bulk pathway can

also occur. After adsorption of the oxygen molecule the

charge-transfer step occurs at the cathode surface so that

the adsorbed atoms turn into oxygen ions which will be

directly incorporated into the cathode material.

Transport within the cathode occurs via oxygen ionic

conductivity until the ions are transferred into the elec-

trolyte material. This is synonymous with an increase of

the TPB, because the whole cathode surface may be

available for the charge-transfer step. However, so far there

is no final agreement with regard to the rate-determining

step [12].

If the oxygen ionic conductivity is relatively low (as in

the case of LSM), the MIEC behaves similar to a pure

electronic conductor [1], i.e. oxygen transport will occur via

the surface pathway to the TPB. Good ionic conductivity,

on the other hand, leads to transport of oxygen via the bulk

pathway. This is supposed to increase the reaction zone and

reduce the polarization resistance [12, 80, 81]. However, the

two important material properties which describe the

aforementioned steps, namely the incorporation of oxygen

ions into the material and the transport of oxygen ions

within the material, are the oxygen surface exchange

coefficient k (cm s-1) and the oxygen diffusion coefficient

D (cm2 s-1), respectively. It is known that both have dif-

ferent activation energies, i.e. within certain temperature

ranges one of them is determining the performance of the

material. Ullmann et al. [82] reported for membranes that

surface exchange often has higher activation energies than

oxygen diffusion. Oxygen exchange is, therefore, likely to

be rate limiting in lower temperature regions whereas the

diffusion process limits the performance at elevated tem-

peratures [82]. On the other hand, Kilner et al. [83] found

the activation enthalpy of the surface exchange coefficient

to be lower than that for the self-diffusion coefficient. This

contradiction shows that the processes are not yet well

understood. Kilner et al. [83] also reported a strong corre-

lation between k and D. This leads to the suggestion that

good oxygen ion conductors also have good oxygen-

exchange properties. Another investigation on perovskites

revealed a dependence of k on the oxygen nonstoichiometry

[84]. This implies that both surface exchange and diffusion

are dependent on the presence of vacancies in the oxygen

sublattice. However, in order to obtain well performing

cathode materials the compositions should have high

oxygen-exchange capacities for an easy incorporation of

oxygen ions into their lattices and high oxygen diffusivity in

order to ensure fast transport of the oxygen ions through

their lattice.

Diffusion and surface exchange coefficients can be

determined by several different methods [85]. Isotope

exchange techniques (which apply secondary ion mass

spectrometry to trace the isotopically labeled 18O2

exchange gas) measure the oxygen self-diffusion or tracer

diffusion coefficients, D or D*, respectively, and the sur-

face exchange coefficients k or k*, respectively [83,

86–90]. There are also electrochemical polarization or

relaxation methods. The conductivity relaxation method

uses the fact that a change in the oxygen partial pressure

results in a change in electronic conductivity [91–94].

Using appropriate diffusion models the chemical diffusion

coefficient and surface exchange coefficient ~D and ~k; can

be obtained [85]. Also electrochemical impedance spec-

troscopy can be applied [80, 81, 95].

A collection of ~k and ~D-values as derived by tracer

diffusion or conductivity relaxation is given in Table 2.

The data are sometimes contradictory, and no tendencies

have yet been observed which might describe a dependence

of k or D on composition. Even for the same material

(e.g. La0.6Sr0.4Co0.2Fe0.8O3-d) the values for the surface

exchange coefficient vary by orders of magnitude. This

shows that not only are the mechanisms and kinetics of the

oxygen reduction still under question, but also that the

procedures used to measure k and D can be improved,

because the results obtained by the different measurement

techniques are not conclusive.

Another strategy for approaching the problem of fast

surface exchange deals with the work function. The work

function is the minimum energy required to remove an

electron from the solid (Fermi energy level) to the vac-

uum (reference level or zero level) [96], i.e. to release

Fig. 10 Surface pathway a
versus bulk pathway b
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electrons from the cathode surface in order to reduce the

incoming oxygen molecules into ions and start the process

of oxygen incorporation. The work function itself has a

very complex physical meaning [97] and is affected by

various surface effects. However, a lower work function,

i.e. less energy needed to release the electron, is desirable

for rapid initiation of the charge-transfer step and, there-

fore, oxygen reduction. Measurements of the work

function may be used to monitor surface reactions [98]

which occur at the cathode during the adsorption and

dissociation of the oxygen. Chemisorption of oxygen

generates an electrical surface barrier which leads to a

decrease in the chemical potential of the electrons in the

surface layer. This results in retardation of the process of

further ionization which is necessary to obtain doubly

charged oxygen ions which can be incorporated into the

surface layer [99]. Therefore, it seems desirable to keep

the generated surface barrier to a minimum in order to

obtain high-performance cathodes. Obviously, the work

function is correlated with the oxygen-exchange coeffi-

cient. Low work functions will supposedly result in large

oxygen-exchange coefficients k.

Conclusions

The tunability of the perovskite structure allows the

substitution of constituent ions over a wide range.

Goldschmidt’s tolerance factor is a guideline for predicting

whether the desired composition forms a perovskite

structure. Other calculations on the basis of ionic radii, for

example the pseudo-cubic lattice parameter a0, the critical

radius rcr, or the lattice free cell volume Vf, are used solely

to estimate the evolution of a specific property. They are

basically calculated from the ionic radii of the A and the

B-site cations, rA and rB, respectively. There is, therefore,

some redundancy between these properties and trends are

sometimes inconclusive.

The basic principles of alteration of the partial ionic and

electronic conductivities of perovskite oxides are reason-

ably understood. In order to enhance the ionic conductivity

no multivalent B-site cations should be incorporated, so

aliovalent A-site substitution preferably results in the for-

mation of oxygen vacancies. Increasing the number of

oxygen vacancies leads to an increase of the oxygen ionic

conductivity. The electronic conductivity takes place along

the B–O–B bonds, because of the valence change of the

B-site transition metal cations. A large amount of charge

carriers (e.g. a ratio TM3?/TM4? close to unity) enhances

the electronic conductivity.

The application of the potential field map as a tool to

predict the conduction behavior of perovskite materials

was discussed, and tailoring the materials to be in transition

state between metal and semiconductor seems to be

advantageous. For substituted perovskites, especially, it is

still challenging to find the correct position for a perovskite

within the potential map, because the exact valence states

of the constituent ions need to be known. For compositions

A01-xA
00

xB
0
1-yB

00
yO3-d calculation of the radius as a weigh-

ted average might not be justified. These challenges must

be solved in order to investigate whether the potential map

can be reliably used.

Furthermore, oxygen surface exchange and oxygen

diffusion are important properties of these materials.

Increasing these coefficients enhances the oxygen reduc-

tion process at the cathode. However, exact values are

difficult to obtain. The application of mixed ionic elec-

tronic conductors is supposed to increase the reaction zone

for the reduction of oxygen from the three-phase boundary

to the cathode surface.

Table 2 Literature data for

chemical diffusion coefficient eD
and surface exchange

coefficient ~k; as derived by

tracer diffusion [92, 93]

or conductivity relaxation

[91, 100–106]

Composition ~k/cm s-1 ~D/cm2 s-1 T/K p(O2)/bar Ref.

La0.8Sr0.2MnO3-d – 5.0 9 10-07 1,073 – [100]

La0.5Sr0.5FeO3-d 4.0 9 10-04 6.4 9 10-06 1,061 0.20 [101]

La0.6Sr0.4FeO3-d – 1.0 9 10-05 1,073 – [102]

La0.6Sr0.4FeO3-d 1.0 9 10-03 1.1 9 10-05 1,073 0.21 [91]

La0.6Sr0.4CoO3-d 2.5 9 10-04 2.5 9 10-06 1,098 0.002 [103]

La0.6Sr0.4Co0.5Fe0.5O3-d 1.8 9 10-03 5.6 9 10-06 1,073 0.21 [104]

La0.6Sr0.4Co0.2Fe0.8O3-d – 7.8 9 10-06 1,073 – [105]

La0.6Sr0.4Co0.2Fe0.8O3-d 1.5 9 10-03 8.3 9 10-06 1,073 0.21 [106]

La0.6Sr0.4Co0.2Fe0.8O3-d 3.8 9 10-05 1.1 9 10-05 1,073 0.21 [92]

La0.6Sr0.4Co0.2Fe0.8O3-d 1.6 9 10-04 7.9 9 10-06 1,073 0.21 [93]

Ba0.5Sr0.5Co0.8Fe0.2O3-d – 1.7 9 10-06 1,073 – [105]

Ba0.5Sr0.5Co0.8Fe0.2O3-d – 2.9 9 10-06 1,073 – [106]

Pr0.6Sr0.4Co0.2Fe0.8O3-d – 5.6 9 10-06 1,073 - [102]
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